Abstract: Microstructure control is of vital importance in tailoring physical properties of metallic materials. Despite the enormous efforts devoted to the study of microstructure evolution during recrystallization, most previous research has been conducted under non-simple conditions, either applying complex deforming boundary conditions or employing specimens with sophisticated crystalline structure. These complexities hinder comprehensive understanding of the fundamental aspects in texture evolution and make it even harder to penetrate the already intricate recrystallization behaviors. The present study aims at a detailed evaluation of widely used phenomenological model in reproducing experimentally observed deformation characteristics under simple crystalline structure and deformation condition, as well as the prediction of nucleation sites during static recrystallization. In situ electron back-scattering diffusion (EBSD) observations were performed to record texture change during static recrystallization of single crystal pure iron specimens after tensile deformation. CP-FEM (crystal plasticity finite element method) method was employed to simulate deformed texture. Deformation heterogeneity characterized by kernel average misorientation maps derived from EBSD data and numerical calculations were compared. The former data shows deformation heterogeneity sensitive to localized microstrain while the later delivers an effective meso-scale deformation distribution. Observed approximate nucleation sites have shown a qualitative coincidence with highly distorted regions in numerical calculations.
Introduction
In metallic materials, atoms are orderly arranged into the form of crystals. The agglomeration of crystals and crystalline defects makes up the microstructure of metals. A large number of material properties are related to the distribution of microstructural elements over the volume of the material. By controlling the microstructure, materials with improved material properties, such as strength, toughness, ductility, hardness, corrosion resistance, or wear resistance can be attained without adding high price rare elements [1, 2] . One of the well-accepted methods in texture control is through the combination of plastic deforming and annealing [3, 4] .
When plastically deformed metal materials are subject to heat treatment under sufficiently high temperature, new and relatively defect-free grains will emerge from deformed material matrix and expand until the deformation microstructure becomes fully consumed. These two processes,
2 of 15 referred to as "nucleation" and "growth", form the microstructural evolution mechanism known as recrystallization [5] . In the past years, microstructure evolution during plastic deformation and recrystallization has piqued the interest of many researchers.
Despite efforts devoted to in-situ/ex-situ observations and simulations of texture evolution during plastic deforming and static recrystallization in various scales, previous research works are still short in several aspects:
Firstly, despite wide industrial application of body centered cubic metals, texture evolution observation of BCC metal with the simplest crystalline structure-single crystal BCC iron is astonishingly rare. Due to the deficiency in available observation results, some recent advanced modellings of texture change during plastic deforming and recrystallization of single crystal iron were either compare with materials of similar microstructure such as low carbon IF steel [6] , ARMCO Fe [7] , or datasets derived up to 30 years ago [8, 9] , long before modern microstructural-crystallographic characterization techniques, like electron back-scattering diffusion (EBSD) and dark field X-Ray microscopy get involved.
Moreover, most investigations of texture evolution during plastic deformation and following recrystallization have been conducted under non-simple conditions-extra complexities would have been introduced into experiments due to the use of metals with complex crystalline structures as well as the employment of deforming techniques with sophisticated boundary conditions. Most widely adopted materials in experimental observations of such studies have been particle-containing alloys [10] [11] [12] and polycrystalline pure metals [13, 14] with intricate crystal structures. The complexity in initial microstructure would lead to interaction between migrating boundaries and static ones, hard particles, as well as other texture components during grain growth.
Even for studies carried out on single crystal materials, like the ones on plastically deformed single crystal copper by Zaafarania et al. [15] and on single-crystal nickel-base super alloy by Zambaldi et al. [16] , as they employed indentation to introduce plastic deformation into the specimens the straining condition of deformed matrix was quite complex and straining level could not be well controlled. Models able to reproduce kink bands occurred during tensile tests on single crystal superalloy tubes were developed by researchers from Ecole des Mines de Paris [17, 18] . Without available microstructure data of deformed specimen, comparison between simulation models and experimental measurements were limited to only load-displacement and shape of slipping band on the tube. The coupling between intricacy in experimental conditions and inevitable randomness rooting in the nature of recrystallization hinders comprehensive understanding of the fundamental aspects in texture evolution and puts extra obstacles in the interpretation of observed results. Other investigations employing rolling (e.g., [19] [20] [21] [22] ) channel die compression (e.g., [23, 24] ), and micro-pillar compression (e.g., [25, 26] ) would suffer from similar problems.
To sum up, for revealing the relationship between initial texture and deformed texture, and that between deformed matrix and recrystallized structure, study of texture evolution during plastic deforming and recrystallization under conditions with minimized complexity is demanded.
The present study aims at a detailed evaluation of widely used phenomenological model in reproducing experimentally observed deformation characteristics under simple crystalline structure and deformation condition, as well as the prediction of nucleation sites during static recrystallization. In situ EBSD observations were performed to record texture change during static recrystallization of single crystal pure iron specimens after tensile deformation. Meanwhile, crystal plasticity finite element method (CP-FEM) was employed to simulate deformed texture and strain/stress distribution after tensile test. Deformation heterogeneities characterized by kernel average misorientation (KAM) map derived from EBSD data and numerical calculation were compared. The former data shows deformation heterogeneity sensitive to localized microstrain while the later delivers an effective meso-scale deformation distribution. Observed approximate nucleation sites have shown a qualitative coincidence with highly distorted regions in numerical calculations. 
Methodology

Experimental Setting
Single-crystal 99.994+% pure iron (from MaTecK, Juelich, Germany) was chosen for studying texture evolution in this experiment. To avoid extra strain introduced during specimen fabrication, specimens were cut with wire electrical discharging machine into the shape shown in Figure 1 . The profile deliberately introduces strain concentration to ensure that recrystallized region falls into the neck of the specimen, thus an area of interest can be determined prior to observations. Six specimens with three different initial orientations were fabricated from two single crystal rods (specimen 1-1, 1-2 were cut out from one rod and the other four specimens from another). Initial crystal orientations are given in Table 1 in Euler angles following Bunge's convention [27] . 
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Single-crystal 99.994+% pure iron (from MaTecK, Juelich, Germany) was chosen for studying texture evolution in this experiment. To avoid extra strain introduced during specimen fabrication, specimens were cut with wire electrical discharging machine into the shape shown in Figure 1 . The profile deliberately introduces strain concentration to ensure that recrystallized region falls into the neck of the specimen, thus an area of interest can be determined prior to observations. Six specimens with three different initial orientations were fabricated from two single crystal rods (specimen 1-1, 1-2 were cut out from one rod and the other four specimens from another). Initial crystal orientations are given in Table 1 in Euler angles following Bunge's convention [27] . To provide driving force for recrystallization, plastic deformation was applied to the specimens by slowly stretching with a uniaxial tensile machine shown in Figure 2a at room temperature until neck elongation had reached 15-30%. Specimens were fixed into position by inserting pins of diameter 0.79 mm through the two pinholes. Tensile direction was aligned with the centerline of specimen. Tensile loading speed was set to a constant 0.2 mm/min to guarantee quasi-static deformation condition. Neck elongation and initial crystal orientation of each specimen are listed in Table 1 . Cold worked specimens were sent to mechanical polishing with SiC2400. Then the surface of specimen was sequentially polished with 6, 2 and 0.25 μm diamond suspensions. Finally, the surface was finished by chemical-mechanical polishing using colloidal silica solution. Surfaces free of detectable polishing damages were generated from the surface preparation procedures.
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In-situ annealing and EBSD observation was carried out using a heating stage (Type HSEA-1000, TSL Solutions Ltd., Sagamihara, Japan) with heating range from room temperature to 1000 • C. Figure 2b depicts heating stage used in in situ observation. After deformed specimen was mounted on heating stage, two pairs of thermocouples were attached to both the observed specimen surface and the heating basis to precisely control the temperature of specimen. The specimens were heated to 600 • C to initiate recrystallization and kept at the temperature for a certain time span. In order to determine when to stop for a scan, field emission scanning electron microscope (FE-SEM) was employed to monitor grain growth (JSM 7001F, JEOL, Tokyo, Japan). Temperature variation was constrained to be within ±0.2 • C during annealing. Then specimen temperature was reduced to 200 • C and EBSD scanning was performed with a step size of 2 µm over an area of approximate 900 µm × 500 µm. High vacuum level of 9.5 × 10 −5 Pa was kept throughout the in-situ observation to prevent oxidization. the heating basis to precisely control the temperature of specimen. The specimens were heated to 600 °C to initiate recrystallization and kept at the temperature for a certain time span. In order to determine when to stop for a scan, field emission scanning electron microscope (FE-SEM) was employed to monitor grain growth (JSM 7001F, JEOL, Tokyo, Japan). Temperature variation was constrained to be within ± 0.2 °C during annealing. Then specimen temperature was reduced to 200 °C and EBSD scanning was performed with a step size of 2 μm over an area of approximate 900 μm × 500 μm. High vacuum level of 9.5 × 10 −5 Pa was kept throughout the in-situ observation to prevent oxidization. It should be recognized that the conducted observations extracted microstructure information only from the sample surface. Given the fact that both specimen deformation and grain growth actually happen in three-dimensional space, it is important to thoroughly consider the effect of characterizing 3D phenomenon with 2D observations. As for evaluating strain and deformation energy distribution with 2D EBSD scans, Calcagnotto et al. compared 2D EBSD scan results with 3D ones on compressed dual-phase steels and concluded dislocation distribution estimation from 2D EBSD scans has a reasonable precision [28] . In terms of texture evolution realized by nucleation and growth, although surface effects such as thermal grooving would also contribute to the observed results [29] , grain formation and expansion similar to those presented in 2D scanning were also reported in 3D observations [30] . Thus, sufficient information can be obtained from 2D observation for investigating non-specific texture evolution in plastic deformation and static recrystallization.
CP-FEM Simulation Setting
In addition to in situ EBSD observations in which microstructure on observed surface can be analyzed with high spatial resolution, numerical simulations of tensile deforming process were employed for a comprehensive understanding of straining in the whole bulk. Crystal plasticity finite element method was implemented in the user subroutine UMAT using commercial software package ABAQUS (version 6.14-1, Dassault Systèmes Simulia, Johnston, RI, USA) as the boundary problem solver.
Constitutive model used in this work follows the continuum mechanical framework of elastoplasticity at finite strain established by Asaro et al. [31, 32] . At quasi-static strain rates, the localized obstacles to dislocation glide are mainly overcome by thermal activation. Shear strain rate of each slip system can be described with a power law model as follows: It should be recognized that the conducted observations extracted microstructure information only from the sample surface. Given the fact that both specimen deformation and grain growth actually happen in three-dimensional space, it is important to thoroughly consider the effect of characterizing 3D phenomenon with 2D observations. As for evaluating strain and deformation energy distribution with 2D EBSD scans, Calcagnotto et al. compared 2D EBSD scan results with 3D ones on compressed dual-phase steels and concluded dislocation distribution estimation from 2D EBSD scans has a reasonable precision [28] . In terms of texture evolution realized by nucleation and growth, although surface effects such as thermal grooving would also contribute to the observed results [29] , grain formation and expansion similar to those presented in 2D scanning were also reported in 3D observations [30] . Thus, sufficient information can be obtained from 2D observation for investigating non-specific texture evolution in plastic deformation and static recrystallization.
Constitutive model used in this work follows the continuum mechanical framework of elastoplasticity at finite strain established by Asaro et al. [31, 32] . At quasi-static strain rates, the localized obstacles to dislocation glide are mainly overcome by thermal activation. Shear strain rate of each slip system can be described with a power law model as follows:
where .
γ 0 is the reference shear rate, τ c the shear stress required to overcome the athermal barrier to dislocation motion on the α-th slip system, τ α the resolved shear stress on the α-slip system, and m the strain-rate sensitivity. An isotropic hardening system following the hardening-recovery format proposed by Kocks and Mecking [33] was employed in this study. All slip systems were assumed to harden at the same rate, resulting in the following evolution equation of slipping system critical shear stress [34] :
where τ 0 is the initial critical shear stress, τ s the saturation critical shear stress, and h 0 stands for the initial hardening rate.
In the current work, {110} <-111> and 12 {112} <11-1> slip families were taken into account during CP-FEM calculation. Glide of dislocations on these slipping systems have been reported to govern mechanical response and accommodate plastic deformation of BCC metals at room temperature [35, 36] . By fitting load-stroke curves derived from numerical calculations to those attained in experiments, hardening parameters can be determined, as listed in Table 2 . Elastic constants c 11 , c 12 , c 44 were taken from [37] . Specimen dimensions in CP-FEM simulation were in accordance with the design shown in Figure 1 . The minor dimension deviation introduced during specimen fabrication was ignored in numerical study. Each specimen was divided into 12,606 nodes and 9865 C3D8R mesh elements (three-dimensional quadrilateral mesh with one reduced integration point). Five layers of elements were used along thickness direction. Boundary conditions of the simulation is illustrated in Figure 3 . Uniaxial tensile deformation was applied as displacement boundary condition on the upper half of the top pin hole along y-axis such that a constant loading speed same as experiment was obtained. Lower half of the bottom pin hole was fully constrained and other part of the specimen was free to deform.
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Results and Discussions
Deformation Characteristics
To validate CP-FEM simulation results, deformation characteristics including deformed specimen profile, load-stroke curve and microstructure derived from observations and simulations were compared in detail.
Experimentally measured and numerically calculated specimen profiles after tensile deformation have been shown in Figure 4 . For space-saving purpose, only specimen with the largest neck elongation, i.e., specimen 3-1, has been presented. Similarity in general shape is obvious between measured and simulated results, except for that shrinkage in neck width is a little bit more severe in experiment. Figure 3 . Boundary condition of CP-FEM simulation model. Upper half of the top pin hole was coupled with a reference point subject to displacement along vertical direction. Lower half of the bottom pin hole was fully constraint through the coupling with another reference point.
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Experimentally measured and numerically calculated specimen profiles after tensile deformation have been shown in Figure 4 . For space-saving purpose, only specimen with the largest neck elongation, i.e., specimen 3-1, has been presented. Similarity in general shape is obvious between measured and simulated results, except for that shrinkage in neck width is a little bit more severe in experiment. With aforementioned set of parameters, fitting results on experimentally derived load-stroke curves of three different initial crystal orientations are presented in Figure 5 . As previously mentioned, for each of the three different initial orientations, two repetitions of tensile tests were conducted to evaluate the statistical scatter in measured load-stroke curves. As presented in Figure  5 , satisfying reproducibility was found in separated experiments with same initial crystal orientation, confirming the reliability of experimental results.
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Good fittings were observed on orientation 1 and 2. For simulation with orientation 3 in Figure  5c , yielding point in simulated load-stroke curve was lower than that in experimental data. Nevertheless, the hardening tendency coincided with experiments as indicated by a same slope in load-stroke curves. Deformed microstructure of specimen neck region was extracted and visualized with inverse pole figures (IPF) using the open-source MATLAB toolbox MTEX 5.1.1 [38] . The comparison between EBSD observed microstructures and numerically simulated ones after tensile deformation is given in Figure 6 . To save space, only the results of specimens with larger neck elongation in each initial crystal orientation are presented. As shown in Figure 6 , good agreement between measured and simulated texture can be found for all three initial crystal orientations. The capability of current CP-FEM setting in characterizing texture evolution during tensile deforming can be confirmed.
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Figure 6.
Comparison between EBSD observed microstructures in the specimen neck region and numerically calculated results after tensile deformation. Only the specimens with larger neck elongation in each initial orientation were presented to save space.
Thus, it can be concluded that CP-FEM simulations were reliable in reproducing deformation characteristics of single crystal iron specimen with distinct initial crystal orientations.
Deformation Heterogeneity
Plastic deformation rarely happens in a homogeneous manner in microscale. Especially for a single crystal specimen in which the activation of slipping systems is largely determined by its initial crystal orientation, deformation heterogeneity is commonly presented in forms like deformation and transition bands. These band regions contain a larger quantity of dislocations, as well as larger variations in crystalline orientation and higher local deformation energy. Nucleation, especially nucleation by the migration of low angle boundaries which are formed by a collection of dislocations, tends to locate in these heterogeneities since concentration of lattice defects provides potential nucleation sites for the following generation of high angle grain boundaries separating this area with surrounding [39] .
Kernel average misorientation mapping gives a representation of pointwise heterogeneity inside selected kernel by calculating and averaging the misorientations between the center point of the kernel and all neighboring points in the kernel. In this study, only the points at the perimeter of the kernel were used for the calculation of KAM value. For EBSD observations, kernel size was selected so that only first order neighbors of selected points were included, as demonstrated in Figure 7a . For numerical calculated results, the surface layer of elements were extracted and first order neighbors were decided based on connectivity of mesh elements, as depicted in Figure 7b . Then KAM values were calculated based on the local variation in misorientation as: Thus, it can be concluded that CP-FEM simulations were reliable in reproducing deformation characteristics of single crystal iron specimen with distinct initial crystal orientations.
Kernel average misorientation mapping gives a representation of pointwise heterogeneity inside selected kernel by calculating and averaging the misorientations between the center point of the kernel and all neighboring points in the kernel. In this study, only the points at the perimeter of the kernel were used for the calculation of KAM value. For EBSD observations, kernel size was selected so that only first order neighbors of selected points were included, as demonstrated in Figure 7a . For numerical calculated results, the surface layer of elements were extracted and first order neighbors were decided based on connectivity of mesh elements, as depicted in Figure 7b . Then KAM values were calculated based on the local variation in misorientation as: where N is the number of neighboring points inside the kernel, ∆θ i is the misorientation between selected point and the i-th neighbor. 
where N is the number of neighboring points inside the kernel, ∆θ is the misorientation between selected point and the i-th neighbor. KAM maps measured with EBSD on specimens after tensile deformation are shown in Figure 8 . In this work as well other research works on plastic heterogeneity (e.g., [40, 41] ), KAM maps are used to show the heterogeneity in deformation and stored energy on observed surface as high KAM regions indicate highly distorted regions. By comparing between groups (a-b), (c-d), and (e-f), deformation heterogeneity patterns were found to be dependent on initial crystal orientation of the specimen. For specimens with the same initial texture, the same heterogeneity pattern persisted when specimens were deformed to different degrees. However, as applied plastic deformation grew larger, deformation heterogeneity patterns were strengthened for the storage of more deformation energy, as can be concluded by comparing Figure 8a With the principle shown in Figure 7b , KAM values can be calculated from CP-FEM results in a comparable definition to EBSD measurements. Contour plots of derived KAM values are demonstrated in Figure 9 . Similar to the results derived from EBSD data, deformation heterogeneity patterns were dependent of initial crystal orientations. The same pattern persists for specimens of the same initial crystal orientation but undergone different degrees of plastic deformation. KAM maps measured with EBSD on specimens after tensile deformation are shown in Figure 8 . In this work as well other research works on plastic heterogeneity (e.g., [40, 41] ), KAM maps are used to show the heterogeneity in deformation and stored energy on observed surface as high KAM regions indicate highly distorted regions. By comparing between groups (a-b), (c-d), and (e-f), deformation heterogeneity patterns were found to be dependent on initial crystal orientation of the specimen. For specimens with the same initial texture, the same heterogeneity pattern persisted when specimens were deformed to different degrees. However, as applied plastic deformation grew larger, deformation heterogeneity patterns were strengthened for the storage of more deformation energy, as can be concluded by comparing Figure 8a 
where N is the number of neighboring points inside the kernel, ∆θ is the misorientation between selected point and the i-th neighbor. KAM maps measured with EBSD on specimens after tensile deformation are shown in Figure 8 . In this work as well other research works on plastic heterogeneity (e.g., [40, 41] ), KAM maps are used to show the heterogeneity in deformation and stored energy on observed surface as high KAM regions indicate highly distorted regions. By comparing between groups (a-b), (c-d), and (e-f), deformation heterogeneity patterns were found to be dependent on initial crystal orientation of the specimen. For specimens with the same initial texture, the same heterogeneity pattern persisted when specimens were deformed to different degrees. However, as applied plastic deformation grew larger, deformation heterogeneity patterns were strengthened for the storage of more deformation energy, as can be concluded by comparing Figure 8a With the principle shown in Figure 7b , KAM values can be calculated from CP-FEM results in a comparable definition to EBSD measurements. Contour plots of derived KAM values are demonstrated in Figure 9 . Similar to the results derived from EBSD data, deformation heterogeneity patterns were dependent of initial crystal orientations. The same pattern persists for specimens of the same initial crystal orientation but undergone different degrees of plastic deformation. With the principle shown in Figure 7b , KAM values can be calculated from CP-FEM results in a comparable definition to EBSD measurements. Contour plots of derived KAM values are demonstrated in Figure 9 . Similar to the results derived from EBSD data, deformation heterogeneity patterns were dependent of initial crystal orientations. The same pattern persists for specimens of the same initial crystal orientation but undergone different degrees of plastic deformation. By comparing KAM maps derived from EBSD scans ( Figure 8 ) and CP-FEM simulations ( Figure  9 ), it can be seen that the results derived from CP-FEM would capture more macroscopic features of plastic deformation. Around specimen edges, high KAM value regions were observed both in EBSD data and simulations; contour lines in Figure 9 have shown similar shapes with their counterparts in Figure 8 -horizontal lines were both found in Figures 8a and 9a , contour lines forming similar inclined rectangular shapes can be seen in Figures 8c-f and 9c-f. In the central area of specimen neck, low KAM areas indicated by large region colored in blue were found in numerical calculations, while miniature deformation heterogeneity formed clear slipping bands under EBSD observations. Additionally, in areas where local variation in misorientation is large, simulated KAM values are generally larger than the ones derived from experiments since clearly more of regions colored in red can be identified from Figure 9 .
The reasons accounting for these differences may be that simulated deformation heterogeneity differs from experimental observations in mainly two aspects: firstly, due to resolution difference(in current study, each EBSD scan contains over 200,000 data points while CP-FEM calculations were conducted on less than 10,000 elements), local distortions cannot be fully expressed in simulations; Secondly, the convergence of FEM simulation results is built on continuum theory in which large local distortion which can cause the divergence of to-be-solved partial differential equations is not allowed. Therefore, significant local fluctuations in lattice rotation and large relative nodal displacement were eliminated, leading to a more averaged and macroscopic result in CP-FEM simulations; Moreover, the rudimentary model employed in current work may be incapable of capturing the immediate partitioning of a discrete structure evolving inside the material bulk. More sophisticated crystal plasticity models taking account of intrinsic features of BCC plasticity such as non-Schmidt effects and dislocation climbing [42] as well as models which are able to characterize interaction between dislocations with arbitrary grid resolution [43] may be helpful in reproducing such microscale deformation heterogeneity.
Nucleation Sites-Observation and Prediction
Full recrystallization process was recorded with in-situ EBSD system. Microstructure evolutions of specimen 1-2, 2-2, 3-1 and 3-2 during annealing at 600 °C till 1 h are presented in Figures 10-13 . As for specimen 1-1 and 2-1, the applied deformation seemed not enough to trigger texture evolution and no newly formed grain was found even after heated for 1 h.
Two different types of nucleation can be observed in the presented texture evolution records: at the early stage of annealing, new grains emerged from the edge regions where large deformation heterogeneity was characterized by high KAM value, as can be seen in Figures 10b, 11b, 12b , and 13b. According to Cahn-Cottrell model, the formation of these grains may consist of two steps-first subgrain boundaries took shape by polygonization of condensed dislocations and then embryos expanded in area at the cost of absorbing and rearranging neighboring microstructural defects [44- By comparing KAM maps derived from EBSD scans ( Figure 8 ) and CP-FEM simulations (Figure 9 ), it can be seen that the results derived from CP-FEM would capture more macroscopic features of plastic deformation. Around specimen edges, high KAM value regions were observed both in EBSD data and simulations; contour lines in Figure 9 have shown similar shapes with their counterparts in Figure 8 -horizontal lines were both found in Figures 8a and 9a , contour lines forming similar inclined rectangular shapes can be seen in Figures 8c-f and 9c-f. In the central area of specimen neck, low KAM areas indicated by large region colored in blue were found in numerical calculations, while miniature deformation heterogeneity formed clear slipping bands under EBSD observations. Additionally, in areas where local variation in misorientation is large, simulated KAM values are generally larger than the ones derived from experiments since clearly more of regions colored in red can be identified from Figure 9 .
Full recrystallization process was recorded with in-situ EBSD system. Microstructure evolutions of specimen 1-2, 2-2, 3-1 and 3-2 during annealing at 600 • C till 1 h are presented in Figures 10-13 . As for specimen 1-1 and 2-1, the applied deformation seemed not enough to trigger texture evolution and no newly formed grain was found even after heated for 1 h.
Two different types of nucleation can be observed in the presented texture evolution records: at the early stage of annealing, new grains emerged from the edge regions where large deformation heterogeneity was characterized by high KAM value, as can be seen in Figure 10b, Figure 11b , Figure 12b , and Figure 13b . According to Cahn-Cottrell model, the formation of these grains may consist of two steps-first sub-grain boundaries took shape by polygonization of condensed dislocations and then embryos expanded in area at the cost of absorbing and rearranging neighboring microstructural defects [44] [45] [46] ; the second type of nucleation started from already-formed high angle grain boundaries, as can be noticed in Figure 10c ,d and Figure 11c,d and other recorded microstructure after annealing for longer than 15 min. As been suggested by Beck, the mechanism of such nucleation may be due to the migration of pre-existing high angle grain boundaries toward more highly-deformed areas [47, 48] . The later mechanism is commonly accompanied by high angle grain boundary serration and is not only related to local deformation heterogeneity but also grain boundary curvature [49] . In this paper, focus will be put on the first kind of nucleation in which deformation heterogeneity has a decisive impact on nucleation site. Figures 10c,d and 11c,d and other recorded microstructure after annealing for longer than 15 min. As been suggested by Beck, the mechanism of such nucleation may be due to the migration of pre-existing high angle grain boundaries toward more highly-deformed areas [47, 48] . The later mechanism is commonly accompanied by high angle grain boundary serration and is not only related to local deformation heterogeneity but also grain boundary curvature [49] . In this paper, focus will be put on the first kind of nucleation in which deformation heterogeneity has a decisive impact on nucleation site. Figures 10c,d and 11c,d and other recorded microstructure after annealing for longer than 15 min. As been suggested by Beck, the mechanism of such nucleation may be due to the migration of pre-existing high angle grain boundaries toward more highly-deformed areas [47, 48] . The later mechanism is commonly accompanied by high angle grain boundary serration and is not only related to local deformation heterogeneity but also grain boundary curvature [49] . In this paper, focus will be put on the first kind of nucleation in which deformation heterogeneity has a decisive impact on nucleation site. Figures 10c,d and 11c,d and other recorded microstructure after annealing for longer than 15 min. As been suggested by Beck, the mechanism of such nucleation may be due to the migration of pre-existing high angle grain boundaries toward more highly-deformed areas [47, 48] . The later mechanism is commonly accompanied by high angle grain boundary serration and is not only related to local deformation heterogeneity but also grain boundary curvature [49] . In this paper, focus will be put on the first kind of nucleation in which deformation heterogeneity has a decisive impact on nucleation site. In Figure 14 , inverse pole mappings of specimens at the time point when newly-formed grains were first observed were given and nucleation sites were pointed out with yellow circles. For specimen 1-1, and 2-1, since no recrystallization was observed, no circle was plotted on the corresponding figures. As previously mentioned, most newly formed grains at early stage of static recrystallization originated from specimen edges in this study. The same nucleation sites were labeled on top 20% KAM value regions of all specimens as demonstrated in Figure 15 . As can be noticed, although nuclei did appear from high KAM locations (among top 20% on observed surface), it was impossible to determine exact locations merely from KAM values. Especially in Figure 15d -f, despite high KAM concentration in the central of specimen neck, first grains emerged from the edges. The main reason might be that KAM map, in its nature, would be largely influenced by local deformation features, such as stress concentration due to local zig-zags around specimen edge, surface unevenness and impurity contained in specimens. These local features added "noise" into KAM mapping and impeded the expression of mesoscale distribution of deformation heterogeneity. As a result, it is challenging to make precise predictions of nucleation sites with EBSD observed deformation heterogeneity alone. In Figure 14 , inverse pole mappings of specimens at the time point when newly-formed grains were first observed were given and nucleation sites were pointed out with yellow circles. For specimen 1-1, and 2-1, since no recrystallization was observed, no circle was plotted on the corresponding figures. As previously mentioned, most newly formed grains at early stage of static recrystallization originated from specimen edges in this study. In Figure 14 , inverse pole mappings of specimens at the time point when newly-formed grains were first observed were given and nucleation sites were pointed out with yellow circles. For specimen 1-1, and 2-1, since no recrystallization was observed, no circle was plotted on the corresponding figures. As previously mentioned, most newly formed grains at early stage of static recrystallization originated from specimen edges in this study. The same nucleation sites were labeled on top 20% KAM value regions of all specimens as demonstrated in Figure 15 . As can be noticed, although nuclei did appear from high KAM locations (among top 20% on observed surface), it was impossible to determine exact locations merely from KAM values. Especially in Figure 15d -f, despite high KAM concentration in the central of specimen neck, first grains emerged from the edges. The main reason might be that KAM map, in its nature, would be largely influenced by local deformation features, such as stress concentration due to local zig-zags around specimen edge, surface unevenness and impurity contained in specimens. These local features added "noise" into KAM mapping and impeded the expression of mesoscale distribution of deformation heterogeneity. As a result, it is challenging to make precise predictions of nucleation sites with EBSD observed deformation heterogeneity alone. The same nucleation sites were labeled on top 20% KAM value regions of all specimens as demonstrated in Figure 15 . As can be noticed, although nuclei did appear from high KAM locations (among top 20% on observed surface), it was impossible to determine exact locations merely from KAM values. Especially in Figure 15d -f, despite high KAM concentration in the central of specimen neck, first grains emerged from the edges. The main reason might be that KAM map, in its nature, would be largely influenced by local deformation features, such as stress concentration due to local zig-zags around specimen edge, surface unevenness and impurity contained in specimens. These local features added "noise" into KAM mapping and impeded the expression of mesoscale distribution of deformation heterogeneity. As a result, it is challenging to make precise predictions of nucleation sites with EBSD observed deformation heterogeneity alone. By comparing approximate nucleation sites depicted in Figure 15 and high KAM regions in numerical calculation, qualitative coincidence can be found, indicating a potential correlation between nucleation and mesoscale distortion in calculation. This substantiates the use of microstructure simulation algorithms such as cellular automaton, phase field method and Monte Carol model on energy/distortion distribution derived from CP-FEM for nucleation prediction. Yet direct quantitative comparison between concentration of dislocations in CP-FEM and observed nucleation sites is difficult due to the following obstacles: firstly, with two-dimensional microstructure characterization methods, it is challenging to capture the true nucleation sites as nuclei may actually occur beneath the observed plane and emerge into the observed scope during growth; secondly, numerically calculated specimens can hardly have exactly the same macroscopic deformation as derived in experiments. Thus, a perfect overlay of the mesh grid in simulation and the measured points would be of great difficulty. Quantitative analysis like cross-correlation which is sensitive to such overlapping can hardly be performed.
Conclusions
In the present study, CP-FEM combined with in situ EBSD observations were used to characterize deformation heterogeneity on tensile deformed single crystal pure iron specimens of three different initial crystal orientations. Texture evolution during annealing under 600 °C was traced and approximate nucleation sites were compared with high KAM areas derived from EBSD data and simulations. The following conclusions can be drawn:
1. Real-world scale CP-FEM calculations on single crystal iron tensile test were compared with experimental observations in four aspects: macroscopic deformation of specimen, load-stroke curve, deformed texture and kernel average misorientation maps. The capability of widely used phenomenological model in reproducing experimentally observed deformation characteristics was evaluated. 2. Comparison was made between deformation heterogeneities expressed by KAM derived from EBSD observations and numerical simulations. Around the edges, high deformation heterogeneities were both found in experiments and simulations, while in the central of specimen neck, KAM maps contained more local deformation information than numerically calculated results. Failure in capturing microscale deformation heterogeneity in simulations may be attributed to relatively low grid resolution and incapability of employed constitutive equations in accounting for evolving of discrete dislocation structures inside the material. 3. Areas with large distortion concentration in simulation has a qualitative coincidence with approximate nucleation sites in the first stage of recrystallization. This observation justifies the direct application of microstructure simulation methods such as cellular automaton model on energy/distortion distribution derived from CP-FEM for nucleation prediction. By comparing approximate nucleation sites depicted in Figure 15 and high KAM regions in numerical calculation, qualitative coincidence can be found, indicating a potential correlation between nucleation and mesoscale distortion in calculation. This substantiates the use of microstructure simulation algorithms such as cellular automaton, phase field method and Monte Carol model on energy/distortion distribution derived from CP-FEM for nucleation prediction. Yet direct quantitative comparison between concentration of dislocations in CP-FEM and observed nucleation sites is difficult due to the following obstacles: firstly, with two-dimensional microstructure characterization methods, it is challenging to capture the true nucleation sites as nuclei may actually occur beneath the observed plane and emerge into the observed scope during growth; secondly, numerically calculated specimens can hardly have exactly the same macroscopic deformation as derived in experiments. Thus, a perfect overlay of the mesh grid in simulation and the measured points would be of great difficulty. Quantitative analysis like cross-correlation which is sensitive to such overlapping can hardly be performed.
In the present study, CP-FEM combined with in situ EBSD observations were used to characterize deformation heterogeneity on tensile deformed single crystal pure iron specimens of three different initial crystal orientations. Texture evolution during annealing under 600 • C was traced and approximate nucleation sites were compared with high KAM areas derived from EBSD data and simulations. The following conclusions can be drawn:
1.
Real-world scale CP-FEM calculations on single crystal iron tensile test were compared with experimental observations in four aspects: macroscopic deformation of specimen, load-stroke curve, deformed texture and kernel average misorientation maps. The capability of widely used phenomenological model in reproducing experimentally observed deformation characteristics was evaluated.
2.
Comparison was made between deformation heterogeneities expressed by KAM derived from EBSD observations and numerical simulations. Around the edges, high deformation heterogeneities were both found in experiments and simulations, while in the central of specimen neck, KAM maps contained more local deformation information than numerically calculated results. Failure in capturing microscale deformation heterogeneity in simulations may be attributed to relatively low grid resolution and incapability of employed constitutive equations in accounting for evolving of discrete dislocation structures inside the material.
3.
Areas with large distortion concentration in simulation has a qualitative coincidence with approximate nucleation sites in the first stage of recrystallization. This observation justifies the direct application of microstructure simulation methods such as cellular automaton model on energy/distortion distribution derived from CP-FEM for nucleation prediction.
